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Microstructural Evolution during Laser Resolidification
of Fe-18 At. Pct Ge Alloy
KRISHANU BISWAS and KAMANIO CHATTOPADHYAY
The technique of laser resolidification has been used to study the rapid solidification behavior of
concentrated Fe-18 at. pct Ge alloy. The microstructural evolution has been studied as a
function of scanning rate of laser beam. Scanning electron microscopy (SEM) reveals the for-
mation of a two-layer (designated as ‘‘A’’ and ‘‘B’’) microstructure in the remelted pool. The A
layer shows a band consisting of a network of interconnected channels and walls, quite similar
to cell walls. The B layer shows dendritic growth. Transmission electron microscopic observa-
tions reveal the formation of bcc a-FeGe in the B layer. Laser melting has been found to play an
important role in formation of the A layer. Microstructural evolution in B has been analyzed
using the competitive growth criterion, and formation of bcc a-FeGe has been rationalized in
the remelted layers.
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I. INTRODUCTION
ALTHOUGH research on rapid solidification of
dilute alloys is well known in the literature,[1–10] the
study of microstructural evolution during rapid resolid-
ification of concentrated alloys is scarce and has been
less understood in terms of experiments as well as
theory.[2–4] The phase selection and development of the
morphology of the advancing solid-liquid interface of
concentrated alloy systems is a field that remains to be
explored. The technique of laser resolidification allows
us to study the solidification behavior of these alloys
under controlled growth conditions. It involves rapid
melting and solidification of a thin layer on the surface
of a sample (pure metal or alloy) by traversing a high
power laser beam at a certain scanning speed. This
process involves solidification at high rates (as high as
18 ms1[3]) depending on the laser power, scanning
speed, type of material, etc. Therefore, the conditions of
equilibrium can no longer be assumed at the advancing
solid/liquid interface, and thus, formation of metastable
phases and microstructures are possible.[3]
It has been reported in References 2, 6, 7, 10, and 11
that the microstructural evolution during laser resolid-
ification is strongly influenced by the growth kinetics
and thermal history of the alloy pool. During this
process, the molten pool created by the laser beam
remains in contact with the underlying solid alloy.
Therefore, the microstructural evolution can be consid-
ered as purely growth phenomenon. The growth velocity
of the solid/liquid interface can be measured directly
from the as-solidified microstructure[2,11] and related to
the corresponding microstructure. However, it is not
possible to experimentally measure the temperature
gradient inside the remelted pool. However, we can
obtain an estimate of the temperature gradients using
the heat-transfer models.[9,10,12,13] These numerical cal-
culations allow us to obtain the temperature distribution
in the laser-remelted region by solving the continuity,
momentum, and enthalpy conservation equations with
respect to a reference frame fixed to the laser beam.[12] In
fact, the intimate contact of the surface-melted layer and
the underlying solid makes it reasonable to compare the
experimental results with numerical calculations.
The primary aim of the present study is to understand
the evolution of the microstructure during laser resolid-
ification of a concentrated Fe-Ge alloy containing 18 at.
pct Ge. Figure 1(a) shows the Fe-rich part of the Fe-Ge
phase diagram.[14] Under equilibrium conditions, the
solidification of Fe-18 at. pct Ge alloy starts with the
nucleation of bcc a-FeGe phase (a = 0.288 nm). The a
phase undergoes two ordering transitions upon further
cooling in solid state: a fi a2 (B2, a = 0.288 nm) at
1230 C (1503 K) and a2 fi a1 phase (DO3, a =
0.576 nm) at 900 C (1173 K). The motivation of the
present investigation originates from our work on
undercooling of Fe-18 at. pct Ge alloy using electro-
magnetic levitation.[15] We attempt to rationalize the
experimental observations in terms of phase transfor-
mation under nonequilibrium conditions during laser
melting followed by the process of rapid solidification. It
will be shown that melting of the concentrated alloy
during laser beam interaction at high speed has a very
important role in microstructural evolution.[16,17]
II. EXPERIMENTAL DETAILS
Fe-Ge alloys containing 18 at. pct Ge were prepared
by arc melting of high-purity iron (99.9 pct purity) and
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germanium (99.999 pct purity). The samples were
melted repeatedly in order to remove any compositional
inhomogeneity. Rapid solidification experiments were
carried out using a continuous wave 10 kW CO2 laser
(Rofin Sinar, RS10000, Plymouth, MI). The surface on
which laser treatment to be performed was polished flat.
Prior to the laser treatment, all the samples were ground
on 100 grit SiC emery paper to ensure similar surface
quality and to enhance the absorption of the laser beam.
In order to refine inhomogeneous as-cast microstruc-
ture, all specimens underwent double laser treatments.
In the first case, the sample surface was scanned by
overlapping laser traces over the entire surface at
relatively moderate laser power density of 1.2 9
104 W/cm2 and an interaction time of 102 seconds.
These ensure compositional homogeneity over a large
depth (~200 to 300 lm). Several experiments were
performed prior to final resolidification experiment on
this alloy. Initial trials were done using different powers
and scanning speeds to obtain a stable melt pool.
Melting of single traces was carried out with 3 kW laser
power and different scanning speeds (Vb). The details of
the parameters used in the laser treatment are listed in
Table I. During the laser treatment, a continuous flow
of argon gas (8 L/min) was maintained to prevent
oxidation of the molten pool.
Microstructural analysis of the as-cast as well as
resolidified layers was carried out using scanning electron
microscopy (SEM, FEI make Sirion operating at 20 kV,
Eindhoven,TheNetherlands).The chemical analyseswere
Table I. Experimental Parameters Used in the Present Study
Power Density
(W/m2)
Interaction
Time (s)
Traverse Speed
Vb (m/s)
Depth, D (lm)
(from Microstructure)
Width, W (lm)
(from Microstructure)
1.7 9 101 3 9 102 5 9 102 150 ± 5 1360 ± 12
1.7 9 101 5 9 103 16.7 9 102 115 ± 5 848 ± 10
1.7 9 101 2 9 103 25 9 102 48 ± 4 545 ± 10
Fig. 1—(a) Fe-rich part of Fe-Ge phase diagram[14] and (b) low-magnification SEM image of as-cast alloy. The red arrow in (a) denotes the
composition of alloy under study.
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performed using aCameca (Paris, France) SX100 electron
probe microanalyzer (EPMA) operating at 30 kV
and 40 nA. The fine scale microstructure and phase
analysis was carried out using a transmission electron
microscope (JEOL* 2000 FXII) operating at 200 kV.
In Section III, the microstructure of the as-cast
specimen will be presented first. This will be followed
by the results of the samples processed at low
(5 9 102 m/s), moderate (16.7 9 102 m/s), and high
(25 9 102 m/s) scanning speeds.
III. RESULTS
A. As-Cast Microstructure
The scanning electron micrograph of a represen-
tative as-cast sample, which has been used for
resolidification experiments, is shown in Figure 1(b).
The microstructure reveals large grains (20 to 80 lm)
of single-phase material. The compositional analysis
using an EPMA shows a mean composition of Fe-18
at. pct Ge with a scatter of ±0.2 at. pct. The
transmission electron microscopic studies (not shown
here) indicate the presence of DO3 ordering in the
sample.
B. Sample Processed by Laser Scanning Speed of
5 9 102 m/s
The SEM observations of the sample laser resolidified
at a scanning rate of 5 9 102 m/s. are presented in
Figures 2 and 3. Figure 2(a) is a low-magnification SEM
micrograph of the longitudinal section of the resolidified
layer. The depth of the resolidified layer is about
150 lm. The growth direction (Vs) and laser beam
scanning directions (Vb) are marked on the micrograph.
By calculating the local angle (h) between Vs and Vb, one
can calculate the local solidification velocity according
to the following relationship:[2]
VS ¼ Vb cos h ½1
The microstructural studies reveal formation of two
separate layers marked as A and B in Figure 2(a).
Layer A shows a band of small dark specks adjacent to
the interface. The thickness of this band is about
25 lm. Layer B (125 lm) reveals the typical dendritic
growth morphology. The compositional analysis of the
remelted layer has been carried out using an EPMA.
Figure 2(b) shows the composition profile along the
height of the remelted layer. The germanium content in
layer A is almost the same as that of the bulk of the
sample. However, layer B shows enrichment of solute
(19 to 22 at. pct Ge). The germanium concentration
increases from the bottom to the top of the layer with
minor fluctuations at different locations. The top
portion of layer B (~40 lm) shows no fluctuations in
composition. It is evident that the measurement of
angle h from the microstructural features in the A layer
is not possible, because the microstructural features
are not properly aligned in this layer as compared to
layer B.
To understand the characteristics of the layers with
different microstructure, the high-magnification second-
ary electron (SE) and backscattered electron (BSE)
micrographs of the transverse section of the remelted
layer are presented in Figures 3(a) and (b). The two
layers (A and B) are marked on the micrographs. Layer
A shows the cell-like growth morphology, whereas layer
B reveals dendritic morphology, which covers the rest of
the remelted layer. The inset in Figure 3(a) shows the
blown-up view of layer A. It shows a fine network of
interconnected channels and walls, quite similar to cell
walls. Similar growth morphologies are also observed in
Figure 3(b), which is a BSE image of the same region.
The black lines on the image indicate the lines along
which compositional measurements are carried out
using an EDS attached to a scanning electron micro-
scope.
Fig. 2—(a) Low-magnification SEM image of the longitudinal section
of the sample resolidified at 5 cm/s and (b) compositional measure-
ment along the height of the remelted layer measured by an EPMA.
*JEOL is a trademark of Japan Electron Optics Ltd., Tokyo.
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C. Sample Processed by Laser Scanning Speed
of 16.7 9 102 m/s
The microstructural investigation of the resolidified
sample obtained by laser processing at 16.7 9 102 m/s
is shown in Figure 4. The low-magnification SEM
images of the transverse section of the remelted layer
are presented in Figure 4(a). The thickness of the latter
is about 125 lm. The remelted layer shows similar
Fig. 3—(a) High-magnification SE image of the sample resolidified at 5 9 102 m/s with the inset showing a blown-up view of the region near
the bottom of the remelted layer and (b) high-magnification BSE image. The black lines in (b) indicate EDS measurements.
Fig. 4—(a) Low-magnification image of the transverse section of the sample resolidified at 16.7 9 102 m/s, (b) compositional measurements
along the height of the remelted layer measured by an EPMA, (c) high-magnification BSE image of the same region with an inset showing the
blown-up view of the region near the bottom of the remelted layer, and (d) TEM bright-field micrograph showing grains in layer B. (e) [001]
zone axis and (f) [011] zone axis patterns revealing B2 ordering. The inset on (d) shows (100) dark-field micrograph lighting up fine scale B2
domains.
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microstructural characteristics as that of the sample that
was processed at a laser scanning speed of 5 9 102 m/s.
Two microstructural layers are marked as A (15 lm)
and B (110 lm) in the micrograph. The results of the
compositional measurements of the remelted layer as
performed using an EPMA are shown in Figure 4(b).
Layer B is substantially enriched with solute (20 to 24 at.
pct Ge), whereas the composition of layer A is the same
as that of the bulk of the alloy. One can also observe
compositional fluctuations in layer B. High-magnifi-
cation SEM micrographs as shown in Figure 4(c)
reveal similar growth morphologies as presented in
Figure 3(a), illustrating two microstructural layers.
Figure 4(d) summarizes the transmission electron
microscopy (TEM) observations. The low-magnification
bright-field micrograph of layer B indicates that the
single-phase microstructure consists of grains of 0.5 lm.
Selected area diffraction (SAD) patterns along different
crystallographic zone axes are obtained from one such
grain. Figures 4(e) and (f) show SAD patterns along the
[001] and [011] directions. The analysis of the pattern
indicates the presence of B2 ordering in the grains.
Analysis of the SAD pattern along the [011] directions
shows the absence of the {111} type of spots, indicating
the absence of DO3 ordering. The dark-field micrograph
obtained using (100) reflection is shown as an inset in the
figure. The presence of fine scale B2 domains is clearly
visible in the micrograph.
D. Sample Processed by Laser Scanning Speed
of 25 9 102 m/s
Figure 5 shows the microstructure of the resolidified
region of the sample processed with a scanning speed of
25 9 102 m/s. Figure 5(a) reveals the low-magnifica-
tion SEM image of the 50-lm-thick remelted layer. The
high-magnification BSE image of the remelted layer is
shown as the inset in Figure 5(a). It is evident that the
microstructure in the remelted layer also consists of two
separate layers, A and B, as observed in previous cases.
The thicknesses of the layers are about 8 and 40 lm,
respectively. The detailed analysis of the microstructure
reveals that the microstructural features are the same as
discussed earlier. Figure 5(b) presents the compositional
measurements made along the height of the remelted
layer using an EPMA. The compositional analysis
indicates that the Ge concentration in the A layer does
not differ much from the alloy composition. The B layer
has a higher Ge concentration (20 to 26 at. pct Ge).
IV. DISCUSSION
A. Microstructural Evolution of the Remelted Layer
It is evident that the microstructure in the remelted
region of the samples processed with different scanning
speeds consists of two layers: A and B. The microstruc-
tural evolution in the remelted layer is independent of
the scanning speed of the laser beam. The thickness of
the layers varies as a function of scanning speeds. In this
section, we shall discuss the formation of two micro-
structural layers (A and B) in the remelted regions
separately.
The formation of layer A in the resolidified samples
can be explained invoking the concept developed by
Allen et al.[16] that the microstructure developed in A is
the consequence of rapid laser melting prior to the rapid
solidification of the molten liquid.[16,17] Melting has
indeed been found to play a key role in the evolution of
the final microstructure of pure metals and alloys.[16]
The melting of an alloy is different from that of a pure
metal. It is always accompanied by the redistribution of
solutes between the solid and liquid phases. For
concentrated alloys, this redistribution requires a very
slow rate of melting at equilibrium. In addition,
although superheating of pure metals is difficult to
attain, relatively high levels of superheating can be
achieved in alloys under non-steady-state conditions,
such as at sufficiently high rates of heating, using a laser
beam.[16] The loss of equilibrium can occur at the
advancing liquid/solid interface of a concentrated
alloy at relatively slow interface velocities as compared
to the higher rates of melting required for a pure metal.
Fig. 5—(a) Low-magnification image of the transverse section of the
sample resolidified at 25 9 102 m/s, and (b) compositional measure-
ments along the height of the remelted layer measured by an EPMA.
The inset on (a) shows the high-magnification image of the region
near the interface between the resolidified region and unaffected
sample.
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This usually happens when a driving force for melting is
solutal,[17] which is the case for concentrated alloys.
We now discuss the present case as a laser beam heats
the solid. We assume the solid to be in local equilibrium
with the liquid. After reaching the solidus temperature,
Ts (1250 C (1523 K) for the present alloy), during laser
heating, the melting of the solid begins at the surface of
the sample because there is no (or infinitesimally small)
nucleation barrier for melting at the free surface.[17] At a
temperature, T, slightly above Ts, there will be a liquid
layer of composition C0/k (~22.86 at. pct Ge) formed at
the surface, where C0 is the alloy composition (18 at. pct
Ge) and k the partition coefficient. Thereafter, melting
would only require the growth of this liquid layer
inward during subsequent laser heating. To observe
melting under equilibrium conditions, the heating rate
must be maintained too low to allow complete partition
of solute between the solid and liquid for this concen-
trated alloy. As the heating rate is increased, there will
be an associated decrease in time for diffusion. This will
cause development of a compositional gradient within
the solid ahead of the melting front. Eventually, this will
lead to retaining a solid of original composition (C0) at
temperature above Ts. Therefore, part of the solid ahead
of the melting front will demonstrate some level of
constitutional superheating as the heating rate is
increased. This effect will be stronger as the heating
rate increases.
The heating rate during laser processing cannot be
measured experimentally. However, numerical calcula-
tion using heat-transfer models allows us to calculate the
temperature at any point inside the remelted pool as a
function of time. We adopted a numerical model
described previously by Sarkar et al.[12] This model
addresses melting and subsequent solidification taking
into account the fluid flow in the molten pool. The
model parameters are fine tuned for the case of scanning
speed of 5 9 102 m/s and, subsequently, the same
parameters used for other cases consistent with
experiments. The typical temperature history at two
locations corresponding to regions A and B for the
sample processed with scanning speed of 5 9 102 m/s
is shown in Figure 6. The melting and solidification
cycles are indicated in the figure. The slope of these
curves represents the prevailing heating/cooling rates
existing in the solid and liquid during laser processing. It
can be seen that, irrespective of the melting temperature,
the heating rate is sufficiently high (105 K/s) for devi-
ation from equilibrium to occur. Therefore, it is highly
likely that the solid ahead of the melting front will
exhibit some level of constitutional superheating.
However, the development of such a constitutionally
superheated solid during laser heating will also depend
on the melting rate of the solid, because constitutional
superheating requires the development of compositional
gradient in the solid ahead of the melting front. This
requires establishment of a viable diffusional profile
across the melting front. Unlike the solidification
velocity, it is not possible to experimentally measure
the local melting rate during laser processing. In such a
case, we have made an attempt to calculate the average
melting rate (Rm) using the following approach. The
shape of the melt pool generated by the laser beam at
any particular position is found to be hemispherical.[11]
If the effective diameter of the melt pool is deff, the
longest perimeter (L) in the melt pool is equal to the
melt/substrate interface. The shortest perimeter of
the melt pool is deff. Therefore, the average melting rate
is given by
Rm ¼ pdeff þ deffð Þ=2
tint
½2
where tint is the interaction time (tint is the time the laser
beam stays at a particular position on the sample
surface). During the laser remelting process at a fixed
laser power and constant scanning speed, a steady-state
pool is created. Therefore, deff will be the same as the
beam diameter under steady-state conditions. The melt
pool interaction time depends on the values of deff and
scanning speed (Vb), tint ¼ deffVb ; all other factors being
constant.
At a high speed of remelting, the width of laser tracks
has been found to be identical with the beam diameter.
The relevant laser parameters are listed in Table I. Using
such an approach yields Rm = 9.4 9 10
2 m/s for
Vb = 5 9 10
2 m/s, whereas Rm = 35.1 9 10
2 m/s
for Vb = 16.7 9 10
2 m/s and Rm = 56.4 9 10
2 m/s
for Vb = 25 9 10
2 m/s. The average melting rate must
be compared with the solvent diffusion speed in order to
obtain any conclusion about superheating. We now
calculate the diffusional speed of the solvent (species
rejected into the solid during melting, Fe) using the
formula given by Aziz.[18] The diffusivity of iron in the
Fe-18 at. pct Ge alloy in the temperature range close to
the solidus temperature is not available in the literature.
The diffusivity of iron in homogeneous Fe-4 at. pct Ge
alloy is reported in the literature[19] in the temperature
range of 900 C to 1200 C. To a first approximation, we
can use Ds = 1.43 9 10
12 m2/s at 1200 C, which is
close to the solidus temperature (1250 C) of the present
Fig. 6—Calculated thermal history of the two points corresponding
to regions A and B in the remelted layer. Melting and solidification
cycles are indicated in the figure. Ts and Tl correspond to solidus
and liquidus temperatures of the alloy, respectively.
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alloy composition in our calculations. DividingDs by the
characteristic solid/liquid interface thickness of a few
atomic distances (d = 109 cm) yields a diffusional
velocity of solvent of 0.143 9 102 m/s, which is two
orders of magnitude lower than the Rm obtained for all
scanning velocities. Therefore, no viable diffusional
profile could be established into the solid at the melting
rates calculated during our experiments. Thus, the solid
would not be ‘‘constitutionally’’ but ‘‘thermally’’ super-
heated during rapid laser heating. The melting of the
superheated solid can then take place at any temperature
above Ts via internal nucleation of the liquid ahead of the
melting front.
The structural perfection of the high-purity alloy may
allow achievement of higher superheating levels for a
given heating rate by minimizing the number of active
internal sites within the sample. Under certain condi-
tions, the heating rate (~104 K/s in the present case) can
be sufficiently high so that the maximum temperature
reached prior to melting of the superheated solid will be
T0.
[16] At T0, the two phases, solid and liquid having the
same composition, will have the same free energy. Thus,
T0 represents the limit of partitionless transformation.
In the present investigation, the determination of T0
requires free energy expressions of the solid and liquid
phases of the alloys. The free energy expression for the
liquid phase of Fe100–xGex (0 £ x £ 24) has been esti-
mated by Kanibolorsky et al.[20] For the solid, we have
used the free energy expressions obtained by Inden
et al.[21] Figure 7 shows the Fe-rich portion of the Fe-Ge
phase diagram with the calculated T0 curve. The solidus
and liquidus of a-FeGe are drawn as solid curves and
the calculated T0 curve is indicated on the phase
diagram as the dashed curve. The vertical line drawn
on the figure indicates the alloy composition under
study. It is evident that the T0 temperature of the alloy is
1300 C (1573 K). The phase fields at lower tempera-
tures are not shown to clearly depict T0 curve. Figure 6
indicates that the temperature the solid (both regions A
and B) reaches is much higher than that of the liquidus
temperature (Tl) during rapid laser heating. Solidus (Ts)
and liquidus (Tl) temperatures are indicated on the
figure. The calculated heating rate is found to be very
high (104 K/s). Therefore, it is likely that the solid will
be thermally superheated sufficiently high so that its
temperature will reach T0 prior to melting during rapid
heating of the sample. Therefore, the minimum degree
of superheating required is 50 C. An approximate value
of the degree of superheating can be obtained using the
results of computer simulation. The temperature at
which the first liquid is found to form during computer
simulation can be treated as the temperature to which
the solid has been superheated as compared to the
solidus temperature. The simulation results indicate that
the superheating is 57 C. After the solid temperature
reaches T0 during high rates of heating, growth of the
liquid into the solid no longer requires adjustment of
solid and liquid composition, and the supersaturated
alloy then melts in a partitionless manner. Once melting
occurs, the liquid is undercooled due to rapid cooling
(104 K/s). During subsequent solidification, segregation
is not constrained. Therefore, this will facilitate separa-
tion into the liquid and solid regions of different
compositions. The formation of region A in the present
case can be visualized in this manner.
We will now discuss the microstructural evolution in
layer B. The microstructural evolution during the
process of laser resolidification is controlled by growth
kinetics.[2] The selection of the phases and morphology
during solidification depends on alloy composition and
solidification conditions such as growth velocity and
temperature gradient. It has been argued that, in a given
growth environment, the stability of one phase or
morphology is determined by its solid/liquid interface
temperature under constrained growth conditions under
a positive temperature gradient.[2,11] The phase or
morphology growing at the highest interface tempera-
ture is chosen as the one expected to grow under the
condition of abundant nucleation of all phases. The
solid/liquid interface temperature of any phase or
morphology is calculated as a function of interface
velocity at a particular temperature gradient. This
function is called the interface response function.[22]
To obtain a better insight into the growth mechanism,
the same analysis as used by Kurz et al.[11] has been
applied here.
Therefore, the prediction of the most stable (thermo-
dynamically and kinetically) phase and growth mor-
phology requires the determination of the interface
response functions of all possible phases and growth
morphologies for a given alloy composition in a given
growth condition. In the present case, the relevant
phases are a2 (B2) and a(bcc) and growth morphologies
are plane front, cells/dendrite. For cellular growth, we
have adopted the model by Burden and Hunt.[23–25]
The growth temperature of a single-phase plane front
without solute drag and assuming linear attachment
kinetics is given by[23]
TP ¼ Tf þ Cl mV  RgT2f =DHf
  V
V0
 
½3
Fig. 7—Fe-rich portion of the Fe-Ge phase diagram showing the T0
curve. The blue line indicates the composition of the alloy.
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where Tf is the melting temperature of the pure
component, Cl the composition of liquid at the
interface, Rg the universal gas constant, DHf the molar
heat of fusion, and V0 a kinetic parameter. Under
steady-state condition, Cl ¼ C0=k; where C0 is the
alloy composition and k is the velocity-dependent
partition coefficient. For collision-limited growth, e.g.,
in the case of a phase, V0 is taken as the velocity of
sound in the melt. The term V0 is replaced by diffusive
speed, Vd in the case of the diffusion-limited growth,
which is the case for growth of a2 phase. According to
Eq. [3], the interface temperature of the a-phase plane
front will always be higher than that of the a2-phase
plane front provided other thermophysical parameters
remain the same. Therefore, the a-phase plane front
will have a growth advantage as compared to the a2
phase plane front. In subsequent calculations, we will
consider the case of the a-phase plane front tempera-
ture only.
The cellular/dendritic growth is modelled by the
Kurz–Giovenella–Trivedi (KGT) model[24] modified by
Burden and Hunt.[25] The KGT model is based on the
Ivantsov solution of a parabolic needle crystal.[26]
According to this model, the radius of the cell/dendrite
tip (R) is given by the smallest root of the quadratic
equation:
M
R2
þN
R
þ G ¼ 0 ½4
where
M ¼ 4:p2X
N ¼ 2mC0P 1 kð ÞnC
1 1 kð ÞIvðPÞ
in which G is the thermal gradient, X the Gibbs–
Thomson coefficient (ratio of surface energy to volu-
metric entropy of fusion), C0 the alloy composition, m
the velocity-dependent slope of the liquidus, and k the
velocity-dependent partition coefficient. The stability
function, nC, is given by
eC ¼ 1þ 2k
1 2k 1þ 2p=PC
 2  1=2 ½5
where PC is the Pe`clet number (PC = VR/2D) and D is
the solute diffusivity in liquid.
The value of temperature gradient, G, has been
determined from heat-transfer calculation and has been
taken as 104 K/cm[12] for all relevant growth conditions.
The velocity-dependent partition coefficient and liquidus
slope are given by**
k ¼ ke þ V=VDð Þ= 1þ V=VDð Þ
m ¼ m0 1 1þ ke  kð1 logðk=keÞÞð Þ=ð1 keÞ
1 ð1 kÞIvðPÞ
 
where ke is the equilibrium partition coefficient and VD
is the interface diffusive velocity.[27] Using thermophys-
ical parameters (as given in Table II), Eq. [8] is solved
numerically to obtain a unique solution of R as a
function of V.
The cell tip temperature is given by[25]
Td ¼ Tl  2C
R
þ Cl mV  RgT2l =DHf
	 
 V
V0
 
 GD
V
½6
Table II. Values of Thermophysical Properties
Used for Calculation
Symbol Parameters Values
TM melting point of pure iron (K) 1812
X Gibbs–Thomson
coefficient (KÆm)
1.53 9 107[15]
Vs velocity of sound (ms
1) 2000
Vd diffusive speed (ms
1) 15[18]
C0 alloy composition (at. pct) 18
ml equation liquidus
slope (K/at. pct)
–14.78
k0 equation partition coefficient
(no unit)
0.78856
l (=RTM
2 /L) kinetic coefficient (K) 1150[15]
L molar heat of fusion (J/mol) 19,090
Rg universal gas constant
(J/molÆK)
8.3146
G thermal gradient (K/cm) 104
c solid-liquid interfacial energy
(J/m3)
0.348[29]
D diffusivity in the liquid (m2/s) 5 9 109[18]
Fig. 8—Calculated interface temperature vs growth velocity of
different phases and growth morphologies. Tl indicates the liquidus
temperature of the alloy.
**Efforts are made to apply the expression of the velocity-dependent
partition coefficient given by Aziz and Kaplan,[28] and the interface
temperatures (Ti) of the respective phases have determined as a func-
tion of growth velocity. The difference in the Ti value is about 3.5 pct
from the values reported here.
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where Cl is the composition of the liquid at the den-
drite tip,
Cl ¼
C0
1 ð1 kÞIvðPÞ ½7
which is obtained from the numerical solution of the
KGT equation;[24] V0, the kinetic parameter, and the
other parameters were defined earlier.
As already discussed, V0 is taken as the velocity of
sound in the melt for the a phase and as diffusive speed
for the a2 phase. The last term in Eq. [5] is due to
undercooling in the cellular regime. For dendritic
growth, this term goes to zero.
Equations [3] through [6] are solved numerically to
obtain the interface temperatures of different growth
morphologies. The interface temperatures of different
phases and growth morphologies are plotted in Figure 8
as a function of the growth velocities. The range of
velocities attained during solidification has been marked
in the figure. It is clear that the a-FeGe phase can grow
with the highest interface temperature in the velocity
range observed during directional solidification. The
experimental results also indicate the formation of
a-FeGe dendrites in the B layer of the resolidified zone.
Therefore, the formation of a-FeGe dendrites can be
rationalized in the B layer.
V. CONCLUSIONS
1. The laser resolidification of Fe-18 at. pct Ge alloy
leads to the growth of dendrite morphology in the
resolidified layer.
2. A two-layer (A and B) microstructure could be
observed at lower laser scanning rates. The A layer
is suggested to form due to partitionless melting
during rapid laser heating followed by solidification
of the undercooled melt, which is not constrained
to partitioning.
3. The microstructural evolution of the B layer can be
quantitatively explained using the cell/dendrite
growth models for directional solidification. The
formation of a-phase dendrite has been suggested.
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